Metastable rock-salt (face centered cubic, c-) AlN can be grown in CrN/AlN multilayers when the AlN layer is thin enough. Exceeding a certain critical thickness, the thermodynamically stable wurtzite (w) structure grows. In this work, a bilayer-period-gradient (21 repeated blocks, each consisting of 10 bilayers with AlN layer-thicknesses ranging from 1.0 nm to 10.0 nm),~2.0 mm-thick, reactively magnetron sputtered multilayer was characterized in detail with a spherical aberration-corrected transmission electron microscope (TEM). The studies are complemented by DFT (density functional theory) calculations.
Introduction
Multilayer nitride thin films are perspective material systems for wear and tribological applications due to their extreme hardness and wear resistance [1, 2] . The microstructure of nanocrystalline materials is crucial for determining their outstanding mechanical and other physical properties. For example, the interface structure affects the thermal stability, the texture influences the anisotropy of the mechanical properties, the phase composition affects the mechanical properties of the film and oxidation resistance [3e6] .
Aluminum nitride (AlN) crystallizes in several modifications, a stable wurtzite structure B4 (hereafter labeled 'w') with a hexagonal symmetry, and two metastable phases with cubic symmetry: B1 (hereafter labeled 'c' or cubic; rock-salt structure, NaCl prototype) and B3 (zinc-blende structure, ZnS prototype). Previous studies [1,7e10] on multilayer nitride coatings have shown that the AlN phase exhibits wurtzite-type structure when the AlN layer thickness is larger than 4.0 nm in CrN/AlN system, which can also lead to a low hardness (23e25 GPa), poor adhesion and low wear resistance of the coatings. However, thinner AlN layers lead to an epitaxial stabilization of the rock-salt AlN phase in CrN/AlN multilayers thus enabling for its excellent mechanical properties. The stabilization of the c-AlN phase can be explained by considering the overall energetics including strain energy and interfacial energy contributions [11] . For the TiN/AlN multilayer films with smaller layer thickness (AlN below 3.0 nm), the strain energy is only a small contribution to the total energy. The rock-salt c-AlN structure is formed at small layer thicknesses (despite its higher energy of formation than the w-AlN) since it possesses lower interfacial energies than the c-TiN/w-AlN structure [7, 12] . The stability of the metastable AlN phase also depends on the interlayer (stable cubic nitride) thickness. Schl€ ogl et al. proposed that the CrN layer thickness needs to be at least as thick as the targeted c-AlN layer thickness, in order to provide sufficient strength for a full stabilization of the AlN layers in their metastable cubic structure by coherency strains [5] . Nevertheless, an upper limit for the c-AlN thickness exists due to thermodynamic reasons. The X-ray nanodiffraction experiments revealed that the coherent growth between c-CrN and c-AlN (stabilized by the CrN template) layers is achieved only when the AlN layer thickness is below~4.0 nm [3] . Above~4.0 nm, the nucleation of the thermodynamically stable wurtzite AlN is favored, leading to a coherency breakdown [3] . Chawla et al. combined the finite element modeling and density functional theory (DFT) methods to explain how the coherency state of the substrateelayer interface affect the c-AlN stability, i.e. a small lattice constant of the stable cubic interlayer helps to stabilize c-AlN, whereas a large lattice constant promotes w-AlN stability [13] . Despite the above mentioned achievements, relationships between the c-AlN phase stability and the crystallographic growthorientation as well as the interface structure has hardly been addressed to date.
To identify the role of these individual mechanisms, a bilayerperiod-gradient CrN/AlN multilayer film has been synthesized. The entire coating is composed of 21 blocks, within each block, the AlN layer thickness increases from 1.0 nm to 10.0 nm while keeping the interlayer CrN thickness constant at 4.0 nm. This gradient CrN/ AlN thin film is used to study the effect of the layer thickness on the AlN phase change and to track the growth morphology variation. Dark-field transmission electron microscopy (TEM) provides a large scale representation of the texture evolution and the phase composition of our gradient multilayer thin film. The Cs-corrected high-resolution TEM enables genuine atomic level observations, and thus was used to study phase composition, interface atomic structure and strains. Using these techniques, we are able unambiguously show that the maximum thickness for the epitaxially stabilized metastable cubic AlN is strongly dependent on the crystallographic orientation, and is the highest for the <100> and <110> orientations. The results are corroborated by detailed first principles calculations on surface and interface energies and bulkrelated total (free) and strain energies.
Experimental details

Material fabrication
The CrN/AlN multilayer film with a total thickness of~2 mm is composed of 21 repeating blocks consisting of 10 bilayers composed of 4 nm thin CrN layers and AlN layers having different thicknesses. The thickness of the AlN layer was~1 nm for the first bilayer and around 10 nm for the last one (within a block), with a stepwise increase of 1 nm from one bilayer to the following. Hereafter in the text, labels of 1-AlN to 10-AlN refer to AlN layers with corresponding nominal thicknesses (1.0 nm-10.0 nm) in a certain block (cf. Fig. 1 ). The film was synthesized in an AJA International Orion 5 reactive magnetron sputter system by DC powering one 2 00 Cr and one 3 00 Al target (both 99.6% purity, Plansee Composite Materials GmbH, Austria) at 500 C substrate temperature in an Ar/N 2 gas mixture (flow ratio of 5 sccm Ar/5 sccm N 2 ) at a total pressure of 0.4 Pa. The chosen power densities of~12.3 (Cr target) and~11.0 W/cm 2 (Al target) resulted in the deposition rates of~10 and~24 nm/min for CrN and AlN, respectively. The nanolayer structure was realized using computer controlled shutters, which were mounted in front of the permanently running targets. To achieve a dense coating morphology, a bias voltage of À50 V was applied to the growing film during the deposition process (floating potential was~À20 V). The substrate holder rotated with a constant rotation speed of~1 Hz throughout the whole process.
Prior to the deposition, the polished Si (100) substrate (10 Â 10 Â 0.5 mm 3 ) were ultrasonically pre-cleaned in acetone and ethanol for 5 min each, thermally cleaned at 500 C for 20 min inside the evacuated deposition chamber (base pressure at room temperature was~5 Â 10 À4 Pa), and Ar-ion etched for 10 min at the same temperature in an Ar atmosphere at a pressure of 6 Pa by applying a constant bias voltage of À750 V to the substrate.
Material characterization
Cross-sectional transmission electron microscopy specimens were prepared using a standard TEM sample preparation approach including cutting, grinding and dimpling. Ar ion milling was carried out at a voltage of 4.0 kV with an angle of 6 , followed by a final low voltage ion-milling of 2.5 kV with an angle of 2 as a final step.
The morphology of the film was examined by bright/dark-field imaging and selected-area electron diffraction (SAED) using a Philips CM12 transmission electron microscope working at an accelerating voltage of 120 kV. (The overall film structure was characterized by X-ray diffraction using a Panalytical XPert Pro MPD q-q diffractometer in Bragg Brentano configuration with Cu Ka radiation (l z 1.54 Å). A 200 kV field emission TEM/STEM (JEOL2100F) equipped with an image-side C S corrector was used in this study, which demonstrates a resolution of 1.2 Å at 200 kV. The image size of all TEM micrographs recorded on a CCD camera was kept at 2004 Â 1335 pixel. The exposure time for the HRTEM images was set to 1.0 s. The aberration coefficients were set to be sufficiently small for obtaining the HRTEM images under slightly over-focus conditions (close to Scherzer defocus). The strain field in CrN/AlN multilayer was calculated on the C S -corrected highresolution TEM images by the geometric phase analysis (GPA) method. According to the GPA algorithm, the displacement field can be obtained by selecting two non-collinear Bragg vectors in the power spectrum generated from a high-resolution TEM image. Strain map was calculated with respect to this reference lattice defined by g 1 ! ¼ [220] AlN/CrN and g 2 ! ¼ [220] AlN/CrN.
To obtain the overall length distribution of columnar grains we used Digital Micrograph software. Since the HRTEM image clearly reveals the growth-orientation and atomic structures, it facilitates the determination of the grain orientation relationships. The length distribution of columnar grains with different growth-orientations from the 5th to 15th block was statistically analyzed using HRTEM images recorded at 300-600Kx (all images taken along Si substrate [011] direction). The length of cubic columnar grains in CrN/AlN multilayers was measured by drawing a profile from the first layer of c-CrN in each block to the top of the columnar grains. About 20 columnar grains in cubic/cubic <111> growth direction, 17 columnar grains in cubic/cubic <100> growth direction and 15 columnar grains in cubic/cubic <110> growth direction were used for determining the distribution of columnar grain lengths.
DFT calculations
First principles calculations were performed using the Vienna Ab initio Simulation package (VASP) [14, 15] employing projector augmented pseudopotentials [16] and the exchange-correlation potential within the Perdew-Burke-Ernzerhof-parameterized generalized gradient approximation (GGA-PBE) [17] . The plane wave energy cut-off was set to 500 eV. The reciprocal space was sampled with equivalent of~1600 k-points per single-atom cell using the Monkhorst-Pack mesh, and the number of k-points was decreased correspondingly depending on the actual cell-size. CrN was considered in a ferromagnetic state. This has been shown to be energetically as well as elastically a reasonable approximation for the paramagnetic state [18] . Such approximation is necessary in the present case due to the large computational demands resulting from supercells needed for the surface and interface energy calculations, and presents a compromise between the true 0K ground state (anti-ferromagnetic arrangement) and room temperature paramagnetic state. The supercells used for calculating interface energies contained equal numbers of Al and Cr atoms (in addition to N atoms), and the bilayer period induced by periodic boundary conditions was between 50 and 60 Å, depending on a particular interface orientation. The orientation relationships considered here were c-CrN ( . The calculation of the w-AlN(1101) surface energy followed the same procedure as described in Ref. [19] .
Experimental results
Microstructure evolution
The overall phase structure was characterized using X-ray diffraction. Fig. 2 reveals the structures of AlN and CrN phases: c-CrN/c-AlN (B1) are represented by their characteristic fingerprints consisting of (111) and (200) peaks while w-AlN (B4) is revealed by its (0002) peak. The morphology of the multilayered film is further investigated by analyzing a cross-sectional TEM sample. The brightfield images (Figs. 3) clearly reveal the blocks with a bilayergradient structure, in which bright and dark contrasted layers, corresponding to AlN and CrN, can be recognized, respectively. The inserted line profile in Fig. 3a shows the gradient structure (AlN layer thickness ranging from 1.0 nm to 10.0 nm) and the block is about 95.1 nm thick.
A close examination of the overall morphology reveals that the layers in the 1st to 4th block are uniform (contain very flat interfaces) and gradually develop the wavy-like morphology further away from the substrate (from the 4th block on). This indicates that the surface roughness increases with increasing film thickness. The film grows with columnar nanocrystals along the growth direction. These columnar grains can be classified into two groups. For the initial phase of the film deposition (1st till 4th block) in Fig. 3a , several slender columnar grains can be observed (type-A grains, indicated by a white frame). The width of type-A columnar grains ranges from 10 to 20 nm, whereas the maximum grain length can reach up to 200 nm. The total thickness of one block is~95 nm (using nominal thicknesses one obtains 10 times 4 nm-thin-CrN layers plus (1 þ 2 þ 3 þ 4 þ 5 þ 6 þ 7 þ 8 þ 9 þ 10 nm) AlN layers ¼ 95 nm), cf. also with the inset in Fig. 3a . Hence, type-A columnar grains can extend over several blocks. Additionally, the film contains also another type of columnar grains (type-B, yellow frame) after a certain thickness, i.e. far away from substrate (from the 5th block on, see Fig. 3b ). These grains are shorter than type-A ones, are constrained to within one block, and appear as 'riceshaped'. Type-B columnar grains grow from the first CrN layer in each block and are terminated by an AlN layer in the same block, which limits their length. After it is terminated within one block, and before another block starts, type-B columnar grains grow again. The type-B columnar grains with a length of 20e50 nm have widths from 10 to 20 nm. As will be revealed in the following HRTEM images, the crystallographic orientation is different within these two types of columnar grains, causing a distinct stability of the cubic AlN phase.
To sum up, the TEM bright-field result shows that the morphology of the columnar grains is significantly different in different film locations. The slender type-A columnar grains are located in the substrate-near film area, while the much shorter type-B columnar grains form far away from the substrate.
Crystallographic orientation evolution
In order to investigate the preferred grain orientation, the gradient multilayer is characterized by the cross-sectional bright/ dark-field images and selected area electron diffraction. The SAED pattern of the CrN/AlN multilayer taken from the area near the substrate (labeled in Fig. 4a ) corresponds to a mixture of reflections from c-CrN/c-AlN and w-AlN (Fig. 4c ). These reflections can be indexed as wurtzite {0002} and {1100}, and cubic {111} and {200}. The discrete nature and high symmetry of strong diffraction dots in Fig. 4c indicate the presence of a strong texture with a preferred growth orientation of c-CrN <111> jj w-AlN <0001> direction. This can be observed from the 1st to 4th block (0e380 nm away from the substrate, cf. the dark-field image Fig. 4b ). HRTEM recorded from one typical slender columnar grain (type-A) extending from 3-AlN to 6-AlN is shown in Fig. 4e , where the brighter layers in the columnar grain are w-AlN (viewed along the [1120] direction) while the darker layers are cubic CrN (viewed along the [110] direction). The (0002) w-AlN planes in w-3-AlN to w-6-AlN are parallel to c-CrN (111) planes, and perpendicular to the film growth direction. Hence, the textured SAED ( Fig. 4c ) is consistent with HRTEM observation (Fig. 4e ). The However, the texture gradually disappears above the 4th block (over 380 nm away from the substrate), as demonstrated by the appearance of corresponding polycrystalline diffraction rings ( Fig. 4d ). Comparison of SAED patterns (Figs. 4c and 4d) suggests that grains grow randomly over a large distance without any preferred orientation, and there may exist other crystallographic orientations (not along the <111>jj<0001> growth direction) far away from the substrate area. Actually, intensive HRTEM observations indeed confirm the presence of other crystallographic growth orientations in this region, i.e. Fig. 4f , showing a growth orientation of <100> c-CrN jj<1011> w-AlN observed from the w-AlN/c-CrN interface in the 9th block (note that (100) c-CrN jj(1011) w-AlN is indicated in the image).
To summarize, the microstructure and growth orientation varies depending on the film area. We found a strong texture from the 1st to 4th block and their grains exhibit a slender column structure (type-A). By HRTEM and SAED, we show that the slender type-A column grains are mainly the w-AlN/c-CrN multiphase structure in thicker AlN part and their crystallographic growth orientations are the <0001> w-AlN jj<111> c-CrN directions in the strongly textured area. However, significant microstructure and growth orientation variations are found far away from the substrate area (block 5e21).
Critical thickness of c-AlN layers
Lower critical thickness of c-AlN layers in <111> growthorientation in strongly textured areas
In Sec. 3.1 and 3.2, we show that the type-A columnar grains present near the substrate area are mainly composed of c-CrN/w-AlN. Note that our HRTEM image ( Fig. 4e ) only shows the phase structure for the thicker AlN layers. For the thinner AlN layer in the type-A columnar grains, it is more likely to form a cubic phase structure. In order to investigate the critical thickness of the c-AlN layers in the strongly textured areas (1st-4th block), we focus our HRTEM observations on the thinner AlN layer. Fig. 5a shows an atomic resolution image of the type-A columnar grain at the location from 10-AlN (the 1st block) to 2-AlN (2nd block). There exists a weak bright contrast in the thinner AlN layers, i.e. 1-AlN and 2-AlN, in the HRTEM image. However, they can be easily distinguished in Consequently, the critical thickness for the c-AlN stability is surprisingly low as compared with the previous reports, in which AlN layers retained their metastable cubic structure up to a layer thickness of~3.0 nm [1, 5] .
In order to investigate the overall critical thickness for obtaining c-AlN layers in the strongly textured region, we carried out a comprehensive microscopy study on the microstructure of the metastable phase. Figs. 6a and 6b show a cross-sectional brightfield image and a corresponding diffraction pattern acquired from 1st till 4th block (close to the substrate). The diffraction pattern contains, in addition to the rings, many spotty reflections, which can be indexed as w-AlN (along [1120]) and c-AlN/c-CrN (along [011]), as shown in Fig. 6b . Fig. 6c shows the dark-field image of w-AlN (using g . ¼ [1100]), and grains with the <0001> growth direction. Using the smallest objective aperture to separate the cubic and wurtzite reflections in the diffraction pattern, the bright regions in Fig. 6c display only the textured grains of w-AlN (between these bright layers are cubic CrN). Here, eight bright layers of w-AlN (from 3-AlN to 10-AlN, as indicated) can be distinguished in each period, and there are 10e15 nm-thick dark zones (from 1-AlN to 2-AlN) present from the 1st till the 4th block, denoting the absence of wurtzite phases, which are actually cubic area (as indicated). Such cubic zones can be confirmed in the dark-field image when using cubic g
, where the dark layers never fulfill the cubic diffraction condition, i.e. are wurtzite, while the layers with white spots locally diffract for the cubic diffraction vector, and hence are identified as cubic ( Fig. 6d ). We note that the contrast in cubic layers depends on the local interface in-plane orientation. Analogously, the dark regions (from 1-AlN to 2-AlN) in Fig. 6c e recorded under the hexagonal diffraction condition e have the cubic structure, which is the grain with c-AlN/c-CrN. Hence, the cubic AlN phase only exists in the 1-AlN or 2-AlN layer (note that 2-AlN is a mixture area since some parts of the layer also show the wurtzite bright layer in Fig. 6c ). The above observations are consistent with our HRTEM results on the critical thickness of metastable cubic-AlN layer, presented in Fig. 5b . Furthermore, combining the results from Figs. 4e and 6a, the type-A columnar grain structure can be completely determined to be c-AlN/c-CrN in thinner AlN layers and w-AlN/c-CrN in thicker AlN layers. Thus, we can conclude that the majority of c-AlN grains grow along the <111> direction but with a low epitaxial phase stabilization (the critical thickness for c-AlN layers is about 2.0 nm) near the substrate area (1e4 block).
Larger critical thickness of c-AlN layers in <110> and <100>
growth-orientation In Sec. 3.2, we showed that the c-AlN with <111> growthorientation is present in the strongly textured region close to the substrate. However, for the areas far away from the substrate, thicker c-AlN layers can be found with different growth orientation. This already indicates that the critical thickness for the c-AlN layers is orientation-dependent.
According to our extensive HRTEM observations, type-B columnar grains (corresponding to the yellow marked region in Fig. 3b ) have the cubic/cubic superlattice structure with various growth-orientations. However, the dominant growth-orientations of the type-B columnar grains are <111>,<110> and <100>. Fig. 7a , the FFT shows extra reflections which suggest the wurtzite AlN structure (as highlighted in the FFT image by a yellow polygon). The measured critical thickness before wurtzite AlN phases form is about 2.6 nm. Furthermore, the c-AlN maximum layer thickness in Fig. 7a is also consistent with the experimental result in the <111> textured region, i.e. the critical thickness for c- (Fig. 7c ), respectively. The layer thickness of c-AlN in both [011] and [100] growth-orientation is also larger than the previously reported critical thicknesses of 3.3 nm and 3.0 nm for c-AlN [1, 5] . To summarize, c-AlN layers with the <100> and <110> growth orientation shows a higher phase stability far away from the substrate area while those with the <111> growth orientation maintains the low phase stability.
Statistics of the orientation-dependent critical thickness for c-AlN layers
In this section, we discuss a statistical analysis of HRTEM measurements to further prove that the critical thickness for c-AlN layers is orientation-dependent. The comparison of the individual c-AlN critical thicknesses (Figs. 7aec) suggests that these are orientation-dependent. The cubic-AlN layer in both [011] and [100] growth-orientation ( Figs. 7b and 7c ) can be stabilized up to~4.0 nm, while in [111] growth-orientation (Fig. 7a ) the critical thickness is only~2.0 nm. A consistent result is obtained also for the type-A grains: AlN grains in Fig. 6c also exhibit a lower critical thickness (cubic AlN exists only in 1-AlN and 2-AlN layer) in <111> growthorientation of textured areas (1st till 4th block).
According to HRTEM observations, the type-B columnar grains have the cubic-CrN/cubic-AlN superlattice structure. In our gradient structure, the cubic/cubic columnar grain length is actually related to the c-AlN critical layer thickness (type-B columnar grain length ¼ (n-1)t c-CrN þ t 1-c-AlNþ t 2-c-AlN þ …. .þ t n-c-AlN where n is the number of the thickest AlN layer, which is still cubicstructured). Hence, the thicker c-AlN layers are always present in the much longer columnar grains as shown in Figs. 7b and 7c . In Fig. 7c , we determined the maximum cubic AlN layer thickness to be about 4.1 nm in the 5-AlN layer and the type-B cubic/cubic columnar grain lengths (its low magnification image can be found in Fig. 7c right-hand side) to be about 34 nm. However, in Fig. 7a , the maximum cubic AlN layer thickness is found to be about 2.6 nm in the 3-AlN layer and the type-B columnar grain lengths is about 23 nm. Consequently, the length of the cubic/cubic columnar grains (type-B) is actually an indirect measure for the critical thickness of the c-AlN layers. The specific orientation of columnar grains, i.e. in the <111>, <100> and <110>, can be clearly resolved via HRTEM images. The distribution of columnar grain lengths along these specific orientations is plotted in Fig. 8 , clearly exhibiting an orientation dependence. The length of columnar grains with <111> growth-orientation ranges from 20.0 to 30.0 nm, whereas both <100> and <011> oriented grains range from 34.0 to 51.0 nm. The average length in <100> and <110> is 36.8 ± 3.1 nm and 40.9 ± 5.2 nm, respectively, larger than that of the <111> growthorientation being 26.0 ± 3.1 nm. Furthermore, the average overall columnar crystal length of the three different growth directions is consistent with HRTEM observations (as shown in Fig. 7 ) of c-AlN critical layer thicknesses, i.e. the lowest critical thickness for stabilizing AlN in the cubic structure can be found in <111> growth direction. Hence, the average length in three different growth directions implies that there are many more c-AlN layers in type-B columnar grains and much larger critical cubic-AlN thicknesses in <100> and <110> directions than in the <111> growth direction.
The data furthermore suggest that the largest critical thickness for c-AlN layers is present for the <110> growth-orientation. The c-CrN/w-AlN interface, however, exhibits an evolution of interface structures in different regions, i.e. low-mismatch interfaces in the textured regions and high mismatch interfaces far from the substrate. Fig. 10b shows the semi-coherent interfaces of the (111)[110] c-CrN jj(0002)[1120] w-AlN in the 1st block, which possesses a relatively low mismatch structure (e.g., in Fig. 10b 11 (111) c-CrN planes match with 10 (1100) w-AlN planes). These can be easily found at the region close to the substrate (Fig. 10a , lower part). However, a variety of different w-AlN/c-CrN interface structures can be found at the location far from the substrate (from the 5th block on). For example, Fig. 10c shows a new type of c-CrN/w-AlN interface structure (at the 8-AlN layer) with an orientation relationship of (1100) w-AlN jj(220) c-CrN and (0002) w-AlN jj(002) c-CrN . In Fig. 10d , the w-AlN grain grows along the [0001] direction, and the upper cubic-CrN grows along the CrN [001] direction and the tilt angle between (0002) and (002) planes is around 3 . In Fig. 10e mismatched interface mode and high-mismatched interface mode. The low-mismatched interface mode with the higher distance of two misfit dislocations, e.g., 11 (111) planes match with 10 (1100Þ planes in Fig. 10b . The high-mismatched interface mode have the lower distance of two misfit dislocations, e.g., 6 (002) planes match with 5 (0002) planes in Figs. 10c and 8 (111) planes match with 7 (1100Þ planes in Fig. 10d , or 4 (020) planes match with 3 (1100Þ planes in Fig. 10e .
Cubic/cubic and cubic/wurtzite interface structures
To sum up, the c-AlN deposited on cubic CrN layer will form the typical coherent interface structures. However, the w-AlN layer deposited on cubic CrN layer may form the different interface structure (low-mismatched c-CrN/w-AlN interface and highmismatched c-CrN/w-AlN interface). Considering the interface structure changes will significantly affect the interface energy of w-AlN and the existence of competitive growth between the two phases of AlN. Change of the interface structure may also be the influencing factor of the phase stability change in the position far away from the substrate area (as shown in Sec. 3.3). We will explain in detail the effects of the interface structure in the discussion section 4.2.1.
Discussion
Preferred growth-orientation in multilayers
In this section, we mainly discuss the w-AlN and c-AlN growthorientation in multilayers. Previous studies reported on some typical textures in TMN (transition metal nitride) multilayer films, such as the cubic <111> growth-direction [10, 20, 21] and the wurtzite <0001> growth direction [6,22e26] . But the texture formation mechanism of multilayer films has hardly been addressed to date. According to our dark-field results ( Figs. 3c and 6d ), a strong texture is observed near the substrate area. However, the texture gradually randomizes with increasing thickness, starting from the 5th block on.
The preferred growth orientation (texture) in monolithically grown thin films can often be explained by surface energy and strain energy minimization [27e31], next to kinetically driven effects [32] . For example in c-TiN thin films, the strain energy minimization dominates the texture evolution for thicker films, while the surface energy minimization dominates the texture evolution for thinner films [29] . The strain energy in multilayers will mainly depend on the interface structure and thus the induced coherency (or mismatched) strains. The {111}<110> c-CrN jj{0001}<1120> w-AlN interface is semi-coherent, which very easily fully relaxes [33] . Moreover, the maximum layer thickness of c-AlN only exists in the 1-AlN and 2-AlN layers (in the substrate near regions, which are highly textured), having thicknesses below 2 nm. Hence, the strain energy is not the main factor that affects the w-AlN and c-AlN growth-orientation in the strongly textured areas (close to the substrate).
As discussed before, also some highly mismatched interfaces can be found far away from the substrate regions (as shown in Figs. 10bee) . The low mismatch {111}jj{0001} interface has a lower density of broken bonds (related to the chemical energy) due to perfect crystallographic match of the cubic and wurtzite close packed planes, and a lower lattice mismatch (related to the [misfit] dislocation energy). Hence, the semi-coherent {111}jj{0001} interface is expected to possess a lower interfacial energy as compared to those highly mismatched w-AlN/c-CrN interfaces (observed in the area above the 5th block). Such low mismatch {111}jj{0001} interfaces dominate the w-AlN/c-CrN growth-orientation near the substrate area. This leads to the cubic AlN also maintaining the <111> growth-orientation.
The grain orientation changes from c-AlN (111) and w-AlN (0001) to other growth-orientations will greatly minimize surface energies. Holec et al. [34] presented first-principles calculations on the surface energies of cubic (rock-salt, B1) and wurtzite (B4) AlN allotropes, which are summarized in Table 1 . The w-AlN or c-AlN in <0001> or <111> orientations exhibit the largest surface energies. Hence, the changes of growth-orientation will greatly minimize the surface energy, i.e. 220 meV/Å 2 energy difference from <0001> w-AlN to <1100> w-AlN growth-orientation (energy subtraction), and 327 meV/Å 2 energy difference from <111> c-AlN to <100> c-AlN growth-orientation. Furthermore, the interfaces in the textured area near the substrate are flat and smooth, thus further improving the match of the w-AlN (0001) and CrN (111) planes. The incoming particle flux (from the target) is nearly perpendicular to the substrate surface, hence perpendicular to the growth plane. However, surface roughening with the wavy-like morphology, which may originate from diffusion, relaxation and intermixing effects, develops (cf. Fig. 3) further away from the substrate (above the 4th block). Part of the incident particle flux is no longer perpendicular to the CrN (111) plane. This increases the probability of w-AlN growth on other c-CrN lattice planes. Although this will increase the w-AlN/c-CrN interface energy (as compared with the low mismatch {111}/{0001} interface), the AlN surface energy will be greatly reduced. This may explain the presence of some highly mismatched interface structures in the area far away from the substrate (as shown in Figs. 10cee).
Metastable c-AlN
Effect of the AlN layer thickness
Cubic AlN (B1 structure) is a metastable phase and as such has internal bulk energy higher as compared to the thermodynamically stable wurtzite AlN. However, as a result of epitaxial stabilization, c-AlN can be present in CrN/AlN multilayers, which result from a different contribution of the coherent strain energy, surface energy and interfacial energy between AlN and c-CrN for cubic and wurtzite AlN polymorphs. Strain energy is one of the major contributions to the overall energetics, significantly determining the phase constitution in AlN stabilized multilayer epitaxial systems [7,11,35e37] . The distribution of the relative strain in the bilayer period systems was previously reported [38e40], indicating homogeneous strains along the growth direction. However, the strain distribution in our bilayer-gradient CrN/AlN multilayer remains unknown. Fig. 11a shows the HRTEM image of cubic/cubic columnar grain with <110> growth-direction, where the brighter areas are 2-AlN to 5-AlN layers in the 10th block. Fig. 11b is a corresponding ε xx strain map. The compressive strains within the AlN layers (ε xx < 0) and the tensile strains within the CrN layers (ε xx > 0) are revealed. A strain profile acquired by integrating ε xx in Fig. 11b along the vertical y axis is shown in Fig. 11c . Apparently, strains are not uniformly distributed. We found that the first layer CrN has 2%e2.8% tensile strain (ε xx ) as compared with the reference area (2-c-AlN layer), which is close to the calculated 2.4% tensile misfit strain (ε ¼ aCrN Àa AlN aCrN ¼ 2:4%; a CrN ¼ 4.14 Å (JCPDS 11e0065) and a AlN ¼ 4.04 Å(JCPDS 46e1200)). More importantly, increasing the AlN layer thickness from 2-AlN to 5-AlN layer increases the local strain by 2.8%. Furthermore, we also notice that the tensile strain in CrN layer decreases along the growth direction, although the thickness of the c-CrN layers remains constant. Note that no misfit dislocations were found in HRTEM image (Fig. 11a) , which means c-CrN/c-AlN interfaces are fully in a coherent state. For 4-AlN layer, the out-of-plane compressive strain increase will increase the in-plane tensile strain (due to the Poisson's tension). Thus, the in-plane tension of the CrN layer will also increase in order to maintain the full coherent state. Finally, the last layer CrN have the higher out-plane contraction and show the tensile strain decreasing as the c-AlN layers become thicker as in Fig. 11c . Our strain map confirms the existence of strains gradient in the cubic/cubic coherent interface structure. In the w-AlN/c-TiN semicoherent {0001}jj{111} interface, the misfit strain is fully relaxed by dislocation glide in cubic {111}<110> slip systems and/or in the w-AlN {0001}<1120> slip system [33] . The close relation between TiN and CrN suggests that similar behaviors may be valid in the w-AlN/c-CrN semi-coherent {0001}jj{111} and other highlymismatched w-AlN/c-CrN interfaces. Hence, the layer thicknessrelated coherency strain in the c-AlN/c-CrN is much higher than within the w-AlN/c-CrN superlattice system. Consequently, the phase transformation from cubic AlN to wurtzite AlN reduces the coherency strain and strain energy [3, 7, 11, 13] .
Mechanism of the orientation-dependent critical thickness for c-AlN layers
In this section, we present a simple total energy model, which can be used to justify the observed critical thicknesses and eventually also to predict them. The total energy, E T , per unit (surface/ interface/section) area can be expressed as: 
Note that the strain energy, interface energy and surface energy are orientation-dependent. For the w-AlN interface energy, g w I , it is lower for the low mismatch {111}/{0001} interface than for the high mismatch c/w interfaces (as discussed in section 4.1). However, the c/c coherent interface energy is much smaller (no broken bonds, no interface dislocations) than the c/w semi-coherent interface energy.
As for the strain energy, the previous reports show that cubic (rocksalt) AlN is elastic modulus anisotropy while the wurtzite AlN is isotropic [41, 42] . Thus, we mainly consider the strain energy anisotropy of cubic (rocksalt) AlN. The strain energy ðE Strain Þ density corresponding to the two-dimensional bi-axial strain state ðε Þ for cubic materials can be expressed as [43] :
s 11 and s 22 are biaxial stress. ε is the biaxial strain: M is the biaxial modulus of the material. Hence, the strain energy is orientationdependent, which is due to the biaxial modulus. For grains in the [111] growth orientation the biaxial elastic modulus M [111] is given by Ref. [44] .
For grains in the [001] growth orientation the biaxial elastic modulus is given by Ref. [44] .
For grains in the [011] growth orientation the biaxial elastic modulus is given by Ref. [44] .
For B1-AlN, Holec et al. [42] showed that the elastic constants: C 11 ¼ 418 GPa, C 12 ¼ 169 GPa and C 44 ¼ 308 GPa, respectively. Then, M ½111 ¼ 705 GPa, M ½001 ¼ 450 GPa and M ½011 ¼ 772 GPa can be obtained accordingly. Thus, the strain energy density for the three orientations follows E 001 strain < E 111 strain < E 011 strain . This further demonstrates that c-AlN with <100> growth orientation has much lower strain energy which in turn increases the cubic phase stability.
Some simulations and experiments demonstrated the impact of surface energy on structural stability, which is thus a decisive parameter for the film microstructure and makes a non-negligible contribution to the overall energetic balance, Eq. (1), [13,45e49] . Because of the coherent interface structure of c-AlN/c-CrN, the growth-orientation of c-AlN and CrN are always the same. Hence, from the c-CrN/w-AlN orientation observation, we can estimate the difference in surface energies of c-AlN and w-AlN. According to our observation of c-CrN/c-AlN and c-CrN/w-AlN growth-orientations, the energy-controlled competitive nucleation and growth process between the cubic AlN and wurtzite AlN on the c-CrN surface may exist, see also Table 1 .
The simulation results show that the surface energy of the top facet favors the wurtzite phase in <111>jj<0001> growth orientation, i.e. g c S À g w S ¼ 45 meV/Å 2 (see Table 1 ). For the other c-CrN/w-AlN orientation case, i.e., the <110>jj<1100> growth-orientation in Fig. 10c , the situation is almost the same, i.e. g c S À g w S ¼ 49 meV/Å 2 (see Table 1 ). But for the cubic <100> growth-orientation as shown in Fig. 10d and e, the surface energies of the top facet favor the cubic phase formation. The cubic <100> orientation case exhibits the much lower surface energy of g c Sð100Þ ¼ 83 meV/Å 2 compared with their wurtzite counterparts, i.e. g w Sð0001Þ ¼ 365 meV/Å 2 or g w Sð1011Þ ¼ 287 meV/Å 2 (see Table 1 ). For the cubic AlN layer the <100> growth-orientation has much lower surface energy than the <110> and <111>, which have benefit to minimize the total energies. Furthermore, the lower surface energies of cubic AlN decrease the nucleation energies and promote the crystal growth. In contrast, wurtzite AlN (1101) and (0001) growth-plane have much higher surface energies, which increase the w-AlN nucleation barrier and retard w-AlN crystal growth.
Based on these considerations, the orientation-dependent critical layer thickness for c-AlN can be qualitatively explained by the anisotropy of interface energy, strain energy and surface energy. These three energies determine the total energies for combinations with c-AlN or w-AlN layers of different orientations. The higher total energy of w-AlN combinations retards the w-AlN crystal growth. In contrast, the lower total energy of c-AlN combinations promotes the c-AlN crystal growth, allowing for larger critical layer thicknesses of c-AlN before the thermodynamically stable w-AlN wins.
Larger critical thickness for c-AlN layers in <110> direction than in <111> direction
In Sec. 4.2.2, we discussed the origins of orientation-dependent critical thicknesses of the c-AlN layers due to the interface energy, strain energy and surface energy anisotropy. According to our statistic results, the critical thickness of the c-AlN layers is larger in <110> direction than in the <111> direction (as shown in Fig. 8 ). Due to the similar surface energy differences in <110>jj<1100> and <111>jj<0001> direction (g c S À g w S ¼45 meV/Å 2 in <111>jj<0001> direction and g c S À g w S ¼ 49 meV/Å 2 in <110>jj<1100>), their contribution to the total energy is minimal. However, c-AlN strain energy in <110> direction is higher than <111> direction. Hence, the AlN total energies in the <111> and <110> growth-orientations will mainly depend on their interface energy and the strain energy, which requires simulation to compare the c-AlN stability in <111> and <110> growth-orientations.
Based on our extensive HRTEM observations, the c-CrN <111> growth-orientation has a specific interface structure with wurtzite AlN, which is a typical c{111}<110>jjw{0001} <1120> semicoherent interface. However, for the c-CrN <110> and <100> growth-orientation, other types of c-CrN/w-AlN interface structures with higher lattice mismatch are also present. Some unusual interfaces, such as {110}<110> c--CrN jj{1100}<1120> w-AlN ,{100} <100> cdCrN jj{101 1}<1123> w-AlN and {100}<100> c--CrN jj{101 1} <1123> w-AlN , are also observed far away from the substrate area (see Fig. 10cee ). Some of the above interface orientation relationships have been already reported in other systems, i.e. AlN/ TiN {0001}jj{100} [50] , AlN/VN {110}jj{1100} [51] , and TiN/ZrAlN {110}jj{1100} [46] . The simulated results of the reported interface energy values of other nitride systems, c-TiN/w-AlN and c-ZrN/w-AlN [46] , show that the c-{110}jjw-{1100} interface energy is much higher than that of the c-{111}jj w-{0001} interface.
With DFT (for details, see supplementary material) we evaluated the evolution of total energies (including the strain and interface energies) of w-AlN and c-AlN with two different orientations as a function of their layer thickness. For these calculations, no misfit dislocations were considered. Figs. 12a and 12b are the interface orientations during the growth, while Figs. 12c and 12d shows the calculated total energy differences of cubic-wurtzite AlN DE T , i.e. DE T ¼ E c T À E w T , with two different orientations. In Eq. (2), the critical thickness (maximum thickness of c-AlN to be stable) is defined by c-CrN and w-AlN total energy. Hence, the dashed line position (DE T ¼ 0) is the simulation value of the c-AlN critical layer thickness. Fig. 12d shows that the critical thickness of the metastable c-AlN layer is larger in the <110> growth-orientation with respect to the <111> orientation. This is in agreement with our HRTEM observations (please note that our DFT results should rather be interpreted qualitatively than quantitatively) of thicker c-AlN layers in this direction, t 111 < t 110 . The combination of HRTEM and DFT completely reveals the effect of crystallographic orientation on the critical layer thickness of c-AlN.
Conclusions
The cross-sectional microstructure of a multilayer with different AlN layer thicknesses was studied in detail using conventional TEM and C S -corrected TEM. From the SAED patterns and dark-field image investigations, the {111} c-CrN jj{111} c-AlN and {111} c-CrN jj{0001} w-AlN textures can be observed from the first to the fourth repeated block (each of the 21 blocks consists of 10 bilayers composed of 4 nm-thin CrN combined with either 1, 2, 3, 4, 5, 6, 7, 8, 9, and 10 nm thin AlN layers). By observing the atomically-resolved images of c-CrN/c-AlN superlattices, the critical layer thickness of cubic AlN in different thin film positions is revealed. Near the substrate area (the first to the fourth block), the critical thickness for stabilizing cubic AlN is about 1.0 nme2.0 nm. However, in the region far from the substrate, the critical thickness of cubic AlN ranges from 2.0 nm to 4.1 nm. The c-CrN/w-AlN interface structure with a high mismatch can be found in these areas far away from the substrate. According to our HRTEM observations and statistical analysis, the c-AlN/c-CrN grains with the <111> growth-orientation show a smaller critical layer thickness for c-AlN, while at the <100> and <110> growthorientations this critical thickness is larger. The origin for this is a combined effect of the growth plane surface energy, strain energy anisotropy and the change of c-CrN/w-AlN interface structures. Our results clearly show that in addition to surface and strain energy also the different possible interface structure geometries need to be considered.
